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Effect of B on the Microstructure and Mechanical Properties
of Mechanically Milled TiAl Alloys

SANG H. KIM, H.H. CHUNG, SUNG G. PYO, S.J. HWANG, and NACK J. KIM

The present study is concerned with g-(Ti52Al48)1002xBx (x 5 0, 0.5, 2, 5) alloys produced by me-
chanical milling/vacuum hot pressing (VHPing) using melt-extracted powders. Microstructure of the
as–vacuum hot pressed (VHPed) alloys exhibits a duplex equiaxed microstructure of a2 and g with
a mean grain size of 200 nm. Besides a2 and g phases, binary and 0.5 pct B alloys contain Ti2AlN
and Al2O3 phases located along the grain boundaries and show appreciable coarsening in grain and
dispersoid sizes during annealing treatment at 1300 7C for 5 hours. On the other hand, 2 pct B and
5 pct B alloys contain fine boride particles within the g grains and show minimal coarsening during
annealing. Room-temperature compressing tests of the as-VHPed alloys show low ductility, but very
high yield strength . 2100 MPa. After annealing treatment, mechanically milled alloys show much
higher yield strength than conventional powder metallurgy and ingot metallurgy processed alloys,
with equivalent ductility to ingot metallurgy processed alloys. The 5 pct B alloy with the smallest
grain size shows higher yield strength than binary alloy up to the test temperature of 700 7C. At 850
7C, 5 pct B alloy shows much lower strength than the binary alloy, indicating that the deformation
of fine 5 pct B alloy is dominated by the grain boundary sliding mechanism.

I. INTRODUCTION

INTERMETALLIC compounds based on TiAl are being
recognized as potential high-temperature structural materi-
als because of their excellent oxidation resistance, high
thermal conductivity, and low density.[1–5] However, their
general lack of ambient temperature ductility and high-tem-
perature creep resistance has led to a number of alloy de-
sign paths being pursued for improvement of their
properties. One of the processing paths that has shown po-
tential for enhancing ductility and fracture toughness is me-
chanical milling/alloying.[5–8] This technique produces
powders with a fine nanoscale grain size and a homoge-
neous distribution of dispersoids. However, it is often found
that the nanoscale microstructure of mechanically
milled/alloyed powders is lost during consolidation. Oxide
or nitride dispersoids formed during mechanical mill-
ing/alloying are quite effective in retarding grain growth in
some cases; however, this is not the case for the alloys such
as NiAl or TiAl, which require high-temperature consoli-
dation and heat treatment.[9] Although mechanically
milled/alloyed alloys still show much finer grain size after
consolidation than conventionally processed alloys, it is
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needed to restrict grain growth as much as possible to max-
imize the potential of mechanically milled/alloyed alloys.

The present study is aimed at investigating the micro-
structure and mechanical properties of mechanically milled
TiAl alloys alloyed with B. It has been shown that TiB2

phase formed by adding B to TiAl alloys has a significant
effect on grain refinement in ingot cast alloys.[10] It has also
been shown that TiB2 is very thermally stable, rarely re-
acting with the matrix even at the high temperature of 1200
7C.[11] Accordingly, taking advantage of the dispersion of
TiB2 phase, attempts have been made to improve the frac-
ture toughness, creep strength, high-temperature formabil-
ity, etc. of ingot-cast TiAl alloys.[12,13] It is thought that the
mechanical milling process is more effective in utilizing the
beneficial effect of dispersoids than the ingot cast process,
since the former can distribute dispersoids more uniformly
in the matrix.

II. EXPERIMENTAL PROCEDURE

Alloy powders of Ti52Al48 and (Ti52Al48)100-x Bx (x 5 0.5,
2, 5) compositions were made by the melt extraction
method. These powders were mechanically milled for 100
hours in the attritor mill under Ar atmosphere with the
weight ratio of ball to powder of 20:1. Details of experi-
mental procedures for melt extraction and mechanical mill-
ing can be found elsewhere.[14] These mechanically milled
powders were consolidated by vacuum hot pressing
(VHPing) at 1000 7C for 2 hours under 87 MPa load. After
consolidation, billets were annealed for 5 hours at 1300 7C,
followed by either air cooling of furnace cooling. To eval-
uate the mechanical properties, compression tests were con-
ducted on electro-discharge machining processed speci-
mens (3 mm in diameter and 6 mm long) at the constant
strain rate of 3.45 3 1024/s and at the temperatures ranging
from room temperature to 850 7C. No lubricant was used
for compression test. Strain rate sensitivity (m) values were
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Fig. 1—Bright-field TEM micrographs of mechanically milled TiAl alloys after VHPing: (a) 0 pct B, (b) 0.5 pct B, (c) 2 pct B, and (d ) 5 pct B.

Table I. Grain Size (mm) of Various Mechanically Milled
Alloys

0 Pct
B

0.5 Pct
B

2 Pct
B

5 Pct
B

As-VHPed 0.205 0.183 0.180 0.182
Annealed (AC)* 1.393 1.368 0.507 0.411
Annealed (FC)* 1.404 1.375 0.549 0.506

*AC and FC: air-cooled and furnace-cooled after annealing at 1300
7C for 5 h.

calculated from the variations of flow stress at the strain rates
of 1.5 3 1024/s, 3.45 3 1024/s, and 1 3 1023/s and at 850
7C. To find out the effect of mechanical milling process, com-
pression tests were also conducted on the vacuum hot pressed
(VHPed) billets consolidated with melt-extracted powders.
Microstructure of specimens was analyzed by X-ray diffrac-
tion (XRD) and analytical electron microscopy. Transmission
electron microscopy (TEM) specimens were jet-polished at
235 7C using a solution of methanol 600 mL, n-butylalchol
350 mL, and perchloric acid 50 mL.

III. RESULTS AND DISCUSSION

A. Microstructure

Microstructure of the as-VHPed specimens (Figure 1) ex-
hibits an equiaxed grain structure with a mean grain size
of about 180 to 205 nm. It is seem that B has no appreciable
effect on the grain size of as-VHPed specimens (Table 1).
The XRD analysis of these as-VHPed specimens indicates
that their microstructures basically consist of g-TiAl and a
small amount of a2 phase (Figure 2). In the case of 0 pct
B and 0.5 pct B alloys, Ti2AlN and a-Al2O3 phases are
present in a small amount, while in 2 pct B and 5 pct B
alloys, TiB2 and TiB phases are present with a negligible
amount of Ti2AlN phase and no a-Al2O3 phase. Closer ex-
amination of the microstructures of 0 pct B (Figure 1(a))
and 0.5 pct B (Figure 1(b)) alloys reveals that Ti2AlN and
a-Al2O3 phases sized 30 to 50 nm are located along the g
grain boundaries without any dispersoids present inside the
grains. The a2-Ti3Al phase is present as discrete particles
along the g grain boundaries as opposed to the thin lamellae
found in ingot cast alloys. Microstructure of as-VHPed al-
loys can be characterized as duplex equiaxed grain struc-
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Fig. 2—XRD patterns of mechanically milled TiAl alloys after VHPing: (a) 0 pct B, (b) 0.5 pct B, (c) 2 pct B, and (d ) 5 pct B.

ture.[15,16] It is known that lamellar grains are generally
formed when TiAl alloy with (a2 1 g) two-phase compo-
sition is exposed to the high-temperature a phase region,
followed by slow cooling.[17,18] In the present study, the
VHPing was conducted at 1000 7C, corresponding to the
(a2 1 g) phase region. Accordingly, a duplex equiaxed
grain structure resulted with no specific orientation rela-
tionship between a2 and g phases. In 0.5 pct B alloy, bo-
rides were not detected either by XRD analysis or TEM
analysis. Based on this, it is thought that B is most likely
in g solid solution for 0.5 pct B alloy. On the other hand,
microstructures of 2 pct B (Figure 1(c)) and 5 pct B (Figure
1(d)) alloys show the presence of very fine boride disper-
soids (,10 nm) distributed within the g grains.

Microstructure of the specimen annealed for 5 hours at
1300 7C followed by air cooling (Figure 3) has much
coarser grains as compared to those of the as-VHPed spec-
imens. The degree of coarsening varies considerably with
the content of B, showing an increased resistance to coars-
ening as the B content increases (Table 1). The annealed
microstructure also shows a duplex equiaxed grain structure
in which a2 phase is present as particles, similar to the as-
VHPed microstructure. The thermomechanical treatment
conditions that produce this duplex equiaxed grain structure
are similar to those reported by Koeppe et al.[19] and Lom-
bard et al.[20] Although the initial microstructure of their
alloys was near lamellar, unlike in this experiment, the du-
plex equiaxed grain structure was obtained by heat treat-
ment at 1200 7C to 1300 7C, corresponding to the (a 1 g)
phase region after partially spheroidizing the initial lamella
structure by hot-working processes at 1050 7C or 1025 7C

corresponding to the (a2 1 g) phase region. Such ther-
momechanical treatment conditions are quite similar to
those used in the present study (VHPing at 1000 7C and
heat treatment at 1300 7C). Coarse lamellar grains are
formed when the heat-treatment temperature is within the
a phase region.[20] It is known that the a2 phase in such
duplex equiaxed grain structure suppresses the coarsening
of g phase during heat treatment in the (a 1 g) phase
region, thus stabilizing the microstructure even after being
exposed to high temperature.[21] In the present experiment,
however, microstructure of 0 pct B alloy is not stable after
5 hours of exposure at 1300 7C, despite the presence of a2,
Al2O3, and Ti2AlN phases. The growth of g grains after
high-temperature exposure is more effectively hindered by
finer boride dispersoids, as shown in Figure 4, resulting in
much finer microstructures for the B containing alloys than
0 pct B alloy. The microstructural analysis of 0 pct B alloy
(Figure 5) exhibits that the a2 phase and Ti2AlN phase are
distributed along the g phase grain boundaries, Ti2AlN hav-
ing the following orientation relationship with the g phase
matrix:

[101] //[1120] , (111) //(0001)g Ti2AlN g Ti2AlN

The Ti2AlN phase is not detected by XRD analysis of
the melt-extracted ribbon and the mechanically milled pow-
ders, but is shown after VHPing at 1000 7C. The presence
of the Ti2AlN phase indicates that N, which is supersatu-
rated in g solid solution during mechanical milling, reacts
with Ti and Al during VHPing to form precipitates with
the orientation relationship shown previously. This Ti2AlN
phase can also form during the mechanical milling process
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Fig. 3—Bright-field TEM micrographs of mechanically milled TiAl alloys after VHPing and annealing at 1300 7C for 5 h, followed by air cooling: (a) 0
pct B, (b) 0.5 pct B, (c) 2 pct B, and (d ) 5 pct B.

of elemental Ti and Al powders under N2 atmosphere.[22] It
has been reported that Ti2AlN forms at the time of com-
bustion reaction of elemental Ti and Al powders under N2

atmosphere, improving the high-temperature strength.[23] In
the microstructure of 5 pct B alloy (Figure 4), it is observed
that fine boride particles are dispersed inside the g grains,
together with the coarse TiB2 particles. These fine boride
dispersoids consist of TiB2 and TiB phases according to
selected area diffraction (SAD) pattern analysis. The TiB
phase is not detected in XRD patterns of the melt-extracted
ribbon and the mechanically milled powders, but is shown
in the as-VHPed specimens. It is thought that TiB phase
precipitates from g-TiAl phase during VHPing at 1000 7C.
Based on their study of the rapidly solidified Ti-(Al)-B al-
loys, Schwartz et al.[24] reported that TiB phase is formed
in Ti-6B and Ti-25Al-4B alloys, while TiB2 phase is
formed in Ti-48Al-5B alloys. Hyman et al.[25,26] also re-
ported that TiB is formed in a binary Ti-B alloy, while TiB2

is formed in Ti-(48-50)Al-B alloys. They further showed
that the morphology of boride changes with the content of
B and the cooling rate and that TiB2 can precipitate either

from the supersaturated g matrix via solid-state reaction or
in the melt in blocky shape. In the present experiment, only
TiB2 is present in the melt-extracted TiAl-B alloy, similar
to others’ observations (Figure 6(a)). However, it is inter-
esting to note that TiB phase precipitates from g matrix
during VHPing of mechanically milled powders at 1000 7C
(Figure (6b)). According to Valencia et al.,[27] by adding
Nb or Ta to Ti-(48-50)Al alloys having a similar compo-
sition to that used in this study, the TiB/TiB2 phase bound-
ary of ternary Ti-Al-B is moved in the direction toward the
higher Al content, resulting in the formation of TiB phase
instead of TiB2 phase expected from the binary phase dia-
gram. This indicates that the type of boride can be modified
by the addition of tertiary elements as well as by the ratio
of Ti and Al. The present study shows that only TiB2 phase
is present in the melt-extracted alloys, while TiB phase is
also present in the mechanically milled alloys along with
TiB2 phase. It can be inferred that TiB phase is formed by
accumulation of O and N during the mechanical milling
process. Table II shows the contents of O and N and the
type of borides observed in each processing stage. This sug-
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Fig. 4—TEM micrographs of mechanically
milled 5 pct B alloy after VHPing and
annealing at 1300 7C for 5 h, followed by
air cooling: (a) bright-field micrograph and
(b) microdiffraction pattern of TiB2 particle.

Fig. 5—TEM micrographs of mechanically milled 0 pct B alloy after VHPing and annealing at 1300 7C for 5 h, followed by air cooling: (a) bright-field
micrograph, (b) SAD pattern of a2-Ti3Al phase (area 1) with [0001]a2 zone axis, (c) SAD pattern of Ti2AlN phase (area 2) with [0001]Ti2AlN zone axis,
and (d ) SAD pattern obtained from the Ti2AlN and g-TiAl phases (area 3 1 4) with [101]g and [1120]Ti2AlN zone axes.

gests that O and N accumulated during the mechanical mill-
ing process shift the TiB/TiB2 phase field, resulting in the
formation of TiB phase.

Using XRD, the volume fraction of each phase can be
calculated from the ratio of the peak heights of g and a2

phases.[28] Comparing the microstructure of the furnace-
cooled with that of the air-cooled specimens shows that the
volume fraction of a2 in the furnace-cooled specimens is
lower than that in the air-cooled specimens (Table III). It
is well known that the reaction rate of g precipitation from
a by eutectoid transformation is far slower than that of
ordering of a to a2.[29] In fact, the g precipitation can be
suppressed by fast cooling, whereas the ordering to a2 can-

not be suppressed. Therefore, the air-cooled specimens
have a higher a2 volume fraction than the furnace-cooled
specimens, since the transformation of a phase to g is re-
tarded as the cooling rate increases.

In the present study, there is a significant coarsening of
both the grain and dispersoid by annealing of the 0 pct B
alloy. The Al2O3 dispersoid grows by a factor of 10 during
annealing. The grain size also shows about an order-of-
magnitude increase. The grain growth observed in the bi-
nary alloy, even in the presence of a dispersoid, is not sur-
prising, since the dispersoid particles are coarse and their
volume fraction is low. On the other hand, the grain size
of the B containing alloy increases by a factor of 2 during
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Fig. 6—XRD patterns of 5 pct B alloy after VHPing: (a) melt-extracted
alloy and (b) mechanically milled alloy.

Table II. Variation of O and N Contents and Type of Ti
Boride of 5 Pct B Alloy with Processing Step

O
(Wt Pct)

N
(Wt Pct)

Observed
Boride

As-cast 0.031 0.0009 TiB2

As-melt extracted 0.077 0.0047 TiB2

AS-VHPed (non-MMed)* 0.077 0.0026 TiB2

Annealed (AC,non-MMed) 0.079 0.0023 TiB2

Annealed (FC, non-MMed) 0.080 0.0025 TiB2

As-VHPed (MMed) 0.46 0.17 TiB2, TiB
Annealed (AC, MMed) 0.46 0.13 TiB2, TiB
Annealed (FC, MMed) 0.45 0.14 TiB2, TiB

*MMed: mechanically milled.

Table III. Relative Intensities of a2 and g Phases
(I(201)a2 /I(111)g)

0 Pct
B

0.5 Pct
B

2 Pct
B

5 Pct
B

As-VHPed 0.08 0.08 0.07 0.06
Annealed (AC) 0.36 0.26 0.26 0.19
Annealed (FC) 0.18 0.16 0.14 0.07

Table IV. Compressive Properties of As-VHPed
Mechanically Milled TiAl Alloys at Room Temperature

0 Pct
B

0.5 Pct
B

2 Pct
B

5 Pct
B

Yield strength (MPa) 2313.1 2159.8 2407.4 2129.2
Strain to fracture (pct) 7.3 3.0 4.3 6.6

Fig. 7—Strain to fracture at room temperature (MMed: mechanical milling
1 VHPing 1 annealing at 1300 7C 1 air cooling, and non-MMed: melt
extraction 1 VHPing 1 annealing at 1300 7C 1 air cooling).

annealing, which indicates the effectiveness of TiB2 and
TiB in restricting grain growth (Figure 4).

B. Mechanical Properties

As shown in Table IV, the as-VHPed specimens exhibit
very high compressive yield strength, but show limited duc-

tility. The compression test on the annealed and air-cooled
specimens (Figure 7 and 8) reveals that the mechanically
milled alloys have considerably higher yield strength than
the melt-extracted alloys at all test temperatures. It is be-
lieved that the dispersion of Ti2AlN and Al2O3 particles
along with refined grain structure is responsible for the high
strength of mechanically milled alloys. It also shows that
the strength increases with B content for both the melt-
extracted alloys and mechanically milled alloys. It has been
attempted to quantitavely analyze the contribution of vari-
ous strengthening mechanisms for the 5 pct B alloy as com-
pared to the 0 pct B alloy. The contribution of the grain
boundary strengthening is calculated to be about 627 MPa
using s0 5 140 MPa and Ky 5 0.88 MPa=m obtained for
the Ti-48Al-2Cr alloy,[19] which has similar composition
and microstructure to the present alloys. The dispersion
strengthening effect is calculated as Ds 5 253 MPa by
using Ds 5 (0.13 Gb/l) ln (r/b), which shows the strength
increment due to the unsheared dispersoids.[30] The shear
modulus G is 170 GPa,[5] the dislocation Burgers vector b
is 0.283 nm for the major mobile dislocation 1/2 ,110],
the particle spacing l is 88 nm, and the radius of particles
r is 10 nm. However, the strength increment due to the
dispersion strengthening is overestimated, since l obtained
from the TEM bright-field image is found to be smaller
than the actual distance. Nevertheless, the preceding two
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Fig. 8—Temperature dependence of compressive yield strength (MMed:
mechanical milling 1 VHPing 1 annealing at 1300 7C 1 air cooling, and
non-MMed: melt extraction 1 VHPing 1 annealing at 1300 7C 1 air
cooling).

Fig. 9—Stress/strain rate dependence of mechanically milled 0 pct B and
5 pct B alloys at 850 7C (VHPed and annealed at 1300 7C for 5 h, followed
by air cooling).

mechanisms can sufficiently explain the observed differ-
ence in strength between 5 pct B and 0 pct B alloys. The
difference in the amounts of O and N in solid solution and
the volume fraction of a2 phase may also be responsible
for the difference in the strength between 5 pct B and 0 pct
B alloys. It should be noted here that the contribution of
grain refinement is much larger than that of dispersoids,
indicating the important role of B in retarding grain growth.

The present alloys show that the yield strength decreases
as the temperature increases. This is consistent with the
other research results reporting that the inverse relationship
of strength to temperature does not exist in multiphase TiAl
alloys with fine grains.[31,32] At the test temperature of 850
7C, the 5 pct B alloy with the finest grain shows the lowest
yield strength, while the 0 pct B alloy with the coarsest
grain shows the highest yield strength. All alloys show that
the steady-state deformation with no fracture occurred dur-
ing the compression test (ε . 60 pct). This implies that
there is a change in the deformation mechanism as tem-
perature increases. Comparing the variation of strength with
temperature for two structures with different grain sizes, the
temperature at which the strengthening effect of B is re-
versed can be interpreted as the one at which the defor-
mation due to grain boundary sliding becomes dominant.[33]

The grain boundary sliding occurs at lower temperatures as
the grains become finer, more equiaxed in their morphol-
ogy, and have higher misorientation angle at the bound-
ary.[34] According to Imayev et al.,[35] who observed the
high-temperature deformation behavior of the TiAl alloy
with very fine grains, the superplastic characteristic (grain
boundary sliding) arises at around 9007C, together with vis-
ible reduction in flow stress when the grain size is reduced
from 2 to 0.2 mm. The strain rate sensitivity indicator, m,

was calculated by measuring the change in flow stress with
strain rates, in order to find the high-temperature defor-
mation behavior of the 5 pct B alloy with the finest micro-
structure. As shown in Figure 9, the m values for 5 pct B
and 0 pct B alloys are 0.49 and 0.20, respectively. Backofen
et al.[36] suggested the m value of over 0.3 as an indicator
for the superplastic behavior of materials. According to the
theories on high-temperature deformation,[33,37,38] when m ≅
0.2, the dislocation interactions within the matrix become
the rate controlling deformation mechanism, and when m ≅
0.5, superplasticity is expected since the deformation is
controlled by the grain boundary sliding accommodated by
slip. Figure 10 exhibits the structures of 0 pct B and 5 pct
B alloys deformed at the strain rate of 3.45 3 1024 to a
strain of 0.1 at room temperature and at 850 7C, respec-
tively. Comparing the deformed structures at room temper-
ature and 850 7C, it is found that coarsenings of grains and
dispersoids due to deformation are not observed at 850 7C,
and that the deformation is dominated by g phase defor-
mation with little sign of deformation in a2 and Ti2AlN
phases, which act as strengthening phases.

In 0 pct B and 5 pct B alloys deformed at room tem-
perature (Figures 10(a) and (c), respectively) and the 0 pct
B alloy deformed at 850 7C (Figure 10(b)), the dislocation
density is very high with a large amount of deformation
twins, whereas in the 5 pct B alloy deformed at 850 7C
(Figure 10(d)), the dislocation density is very low with vir-
tually no deformation twins. Figure 11(a) is the deformed
structure of the twinned g region of the 0 pct B alloy de-
formed at room temperature. In order to identify the major
mobile dislocation, gzb analysis was conducted. It shows
that most dislocations are visible with the operating g002,
but are invisible with g111, indicating that the major mobile
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Fig. 10—Bright-field TEM micrographs of deformed specimen: (a) 0 pct B alloy deformed at room temperature, (b) 0 pct B alloy deformed at 850 7C,
(c) 5 pct B alloy deformed at room temperature, and (d ) 5 pct B alloy deformed at 850 7C. All alloys are VHPed and annealed at 1300 7C for 5 h,
followed by air cooling.

dislocation is the typical dislocation of 1/2,110] type. Fig-
ure 11(b) is the deformed structure of equiaxed g grain of
the 0 pct B alloy deformed at room temperature. The dis-
locations visible with g200 become invisible with g002. These
dislocations are also visible with g111, indicating that they
are also 1/2 ,110] type. The deformed structure of the 0
pct B alloy deformed at 850 7C is shown in Figure 12. The
gzb analysis shows that the dislocations visible with g200

become invisible with g002, indicating that they are also 1/2
, 110] type. As shown in Figure 12(b), deformation is
mainly concentrated in g phase. The structure of the 0 pct
B alloy deformed at 850 7C differs from that deformed at
room temperature in that deformation twins are observed in
almost all g grains of the former. It can also be seen that
there is a formation of deformation bands in some of the
a2 particles at 850 7C, while there is no sign of deformation
in the a2 particles at room temperature. The Ti2AlN phase
does not show any sign of deformation at either room tem-
perature or 850 7C. From these observations, it is found
that a2 and Ti2AlN phases are the strengthening phases act-
ing as obstacles against the deformation. Figure 13(a)

shows the deformed structure of the 5 pct B alloy at room
temperature. The gzb analysis shows that major dislocations
are again 1/2 ,110] type. These dislocations are either tan-
gled around the boride particles (Figure 13(b)) or form Oro-
wan loops (Figure 13(c)). Figure 13(d) is the deformed
structure of the 5 pct B alloy at 850 7C. The gzb analysis
again shows that major dislocations are 1/2 ,110] type.
The 5 pct B alloy deformed at 850 7C can be characterized
by the absence of tangled dislocations around the boride
particles and Orowan loops, which is different from the 5
pct B alloy deformed at room temperature. It has a very
low dislocation density and independently moving dislo-
cations, thus the interaction between dislocations and par-
ticles becomes rare at 850 7C. Deformation twins were
rarely observed. From these observations, it can be found
that the low yield strength of the 5 pct B alloy at 850 7C
is attributed to the deformation dominated by grain bound-
ary sliding due to the fine equiaxed grain microstructure
with high-angle grain boundaries, as can be seen in its de-
formation characteristics and m value of 0.49.
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Fig. 11—(a) and (b) Weak beam images of mechanically milled 0 pct B
alloy deformed at 850 7C (VHPed and annealed at 1300 7C for 5 h,
followed by air cooling).

Fig. 12—(a) and (b) Deformed microstructure of mechanically milled 0
pct B alloy deformed at 850 7C (VHPed and annealed at 1300 7C for 5
h, followed by air cooling).

Figure 14 compares the yield strength values of the air-
cooled and furnace-cooled specimens, showing that the for-
mer has higher strength than the latter. The grain size and
distribution of dispersoids of these two alloys are similar
to each other, but the a2 volume fraction of the air-cooled
specimen is higher than that of the furnace-cooled specimen
(Table III). The a2-Ti3Al has higher strength than g-TiAl,
both at room temperature and 900 7C.[39–42] As was seen in
the deformed structure of Figure 8, a2 phase resists plastic
deformation. Therefore, the higher yield strength of the air-
cooled specimen over the entire temperature range than that
of the furnace-cooled specimen is probably due to the
higher volume fraction of a2 phase in the former.

IV. CONCLUSIONS

In the present study, the effect of B on the microstructure
and mechanical properties of mechanically milled TiAl al-
loys has been investigated.

1. It has been shown that the addition of B has no signif-

icant effect on the grain size of mechanically milled al-
loys consolidated by VHPing at 1000 7C. However, B
containing alloys show much smaller grain size than the
0 pct B alloy after annealing at 1300 7C. The grain size
of annealed alloys becomes finer as the B content in-
creases. It has been shown that the effect of Ti2AlN and
Al2O3 particles on retarding grain growth is much
smaller than that of boride particles.

2. Comparison of mechanically milled alloys with melt-
extracted alloys after annealing at 1300 7C shows that
the former have higher strength with equivalent ductility
than the latter, indicating that the beneficial effect of
mechanical milling can be retained after high-tempera-
ture exposure. Such a beneficial effect can be magnified
by the addition of B, showing that the strength increases
with B content with no appreciable change in ductility.
Up to 700 7C, B containing alloys show higher strength
than the 0 pct B alloy due to the strengthening effect of
grain refinement and the boride particles in the former.
At 850 7C, however, grain boundary sliding becomes
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Fig. 13—Weak beam images of mechanically milled 5 pct B alloy (VHPed and annealed at 1300 7C for 5 h, followed by air cooling): (a) through (c)
deformed at room temperature and (d ) deformed at 850 7C.

dominant for the 5 pct B alloy with the finest grains,
resulting in a lower strength than the 0 pct B alloy.
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